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Contact resistanceChromium carbide ﬁlms with different phase contents were deposited at 126 ± 26 °C by industrial high rate re-
active magnetron sputtering, using both direct current magnetron sputtering (DCMS) and high power impulse
magnetron sputtering (HiPIMS). Film structure and properties were studied by SEM, XRD, TEM, XPS, NRA,
Raman spectroscopy, nanoindentation, unlubricated reciprocating sliding experiments, and a laboratory setup
to measure electrical contact resistance. The ﬁlms consisted of amorphous a-CrCy, a nanocrystalline minority
phase of metastable cubic nc-CrCx, and a hydrogenated graphite-like amorphous carbon matrix (a-C:H). The
DCMS and HiPIMS processes yielded ﬁlms with similar phase contents and microstructures, as well as similar
functional properties. Lowelasticmodulus, down to66GPa, indicated goodwear properties via a hardness/elastic
modulus (H/E) ratio of 0.087. Unlubricated steady-state friction coefﬁcients down to 0.13were obtained for ﬁlms
with 69 at.% carbon, while the electrical contact resistance could be reduced by two orders of magnitude by ad-
dition of a-C:H phase to purely carbidic ﬁlms. The present ﬁlms are promising candidates for sliding electrical
contact applications.
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Sliding electrical contacts play an important part in everyday life.
Most materials used today are expensive noble metals or alloys, like
Au, Pd, and Au–Co, which are applied as thin ﬁlms on a conductive sub-
strate. More cost-effective alternatives are base metals and alloys, such
as Ti and stainless steel, but they more easily form high resistance sur-
face oxides [1], requiring high contact forces to break through. Such
forces cause severe wear and are unsuitable in e.g. consumer electron-
ics. This can be improved by using soft metals, such as Ag, but they
will exhibit severewear even at lowcontact force [2], leading to reduced
reliability and shortened product life. A thicker ﬁlm, adding to the prod-
uct cost, is then required to compensate for the loss ofmetal. Thus, there
is a driving force to design new ﬁlms with lower cost and improved
material properties.
Replacing noble metals with nanocomposite transition metal
carbide/amorphous carbon (Me–C/a-C) ﬁlms, with nanocrystallinement of Chemistry - Ångström
+46 13 359520; fax: +46 18
n).
. This is an open access article undercarbide grains embedded in an amorphous carbonmatrix, is a proposed
alternative [3]. The carbon matrix adds a polymeric-like character with
high hardness/elastic modulus ratio and low surface energy [4], provid-
ing reduced friction and improved wear properties by the formation of
graphite-like triboﬁlms. Meanwhile, the carbide phase retains its high
hardness, low resistivity, and high corrosion resistance.
Several studies on various carbide-based nanocomposites, e.g. Ti–C
[5], Ti–Ni–C [6], Ti–Si–C [7], Ti–(Si, Ge, Sn)–C–Ag [8,9], Ti–Si–C–Ag–Pd
[10], and Nb–C [11], have demonstrated promising properties and
potential use in electrical contact applications. However, the Cr–C
systemhas someunique propertieswhich are interesting for a new con-
tact material. Perhaps themost striking property is that Cr–C has a high
glass forming ability and a wide glass forming range compared to other
Me–C systems [12], meaning that an amorphous structure can be
obtained over awide range of experimental conditions andﬁlm compo-
sitions. This behavior makes it possible to co-sputter nanocomposite a-
CrCy/a-C ﬁlms with separate phases of amorphous carbide and amor-
phous carbon, making the ﬁlms soft yet reasonably conductive [13,14].
It is also possible to sputter nanocrystalline nanocomposites [15–17],
and this microstructural window offers great potential to tailor the
functional ﬁlm properties. Some studies have reported high hardness
and very low electrical resistivity for Cr-rich Cr–C ﬁlms [15,18,19],the CC BY license (http://creativecommons.org/licenses/by/3.0/).
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form well due to high coefﬁcients of friction [20]. A nanocomposite
structure, on the other hand, notably reduces friction and improves
wear properties [16,20–22]. Moreover, Cr–C/a-C ﬁlms were recently
shown to be protected from deep oxidation by an extremely thin Cr
oxide ﬁlm, where the a-C phase reduced surface concentrations of
oxidized Cr by nearly 50% [17]. However, no one has studied Cr–C/a-C
ﬁlms for the purpose of electrical contact applications.
The aim of this study is to investigate the structural, mechanical, tri-
bological, and electrical contact properties of Cr–C ﬁlms deposited by
high rate reactive magnetron sputtering at low substrate temperature.
Although direct current magnetron sputtering (DCMS) offers high
deposition rates, the method can lead to low-density ﬁlms with ham-
pered functional properties. Therefore, ﬁlms grown by high power
impulsemagnetron sputtering (HiPIMS)were also studied. HiPIMS pro-
vides a higher degree of ions in the deposition ﬂux, which can lead to
denser ﬁlms with smoother surface and better functional properties,
however at the cost of reduced deposition rate [23]. In this study, the
two sputteringmethods, different reactive gas ﬂows, and two substrate
bias potentials were used to deposit Cr–C ﬁlms with different composi-
tions. Relationships between deposition conditions, composition, struc-
ture, chemical bonding, and functional properties are established.
2. Experimental details
Cr–C ﬁlms were deposited using an InlineCoater™ 500 (Impact
Coatings AB, Sweden), which is an industrial short-cycle high vacuum
physical vapor deposition system (details are given elsewhere [24]).
The base pressure was 1.3 × 10−4 Pa. One unbalanced magnetron was
mounted on the second process chamber for single-sided top-down
deposition geometry with a perpendicular target-to-substrate distance
of 15 cm. The sputtering target consisted of industrial grade Cr (rectan-
gular 898 cm2, purity at least 99.7 at.% Cr). All depositionsweremade by
DCMS or HiPIMS. In the case of DCMS, the electric current density was
0.022 A cm−2 and the target potential was 450–550 V. In the case of
HiPIMS, the peak electric current density was 0.40–0.50 A cm−2, the
target potential was adjusted to yield an average power of 5 kW, the
pulse frequencywas 500 Hz, and the pulsewidthwas 100 μs. The target
was pre-sputtered for 3 min prior to each experiment. Metallic
operation was conﬁrmed by stable plasma emission intensity from a
Cr line and by stable electrical potential (500 V) of the magnetron in
constant current mode (20 A). Substrates of Si and SS316L polished to
a mirror-like surface ﬁnish were placed ﬂat down on a Cr-coated
stainless steel ﬁxture with a mass of 10 kg. The starting temperature
of the ﬁxture was 126 ± 26 °C for each batch, and process-induced
heat increased the temperature during deposition to 148 ± 18 °C.
Film deposition was preceded by Ar plasma etching for 2 min at 1.9 Pa
by applying unipolar potential pulses with an amplitude of−700 V, a
frequency of 250 kHz, and a pulse width of 1.6 μs. A thin Cr layer (80–
100 nm) was deposited at 1.1 Pa to improve adhesion and to deposit
the carbide ﬁlms on chemically similar surfaces. Different C2H2 gas
ﬂow rates (0–78 sccm) were used to control ﬁlm composition. Typical
reactive process pressure was 1.1–1.5 Pa. Process time was adjusted to
obtain a similar ﬁlm thickness (1.29 ± 0.18 μm). A constant substrate
bias potential (Ub) of−50 V was normally applied. Some ﬁlms were
deposited at Ub =−150 V in order to more strongly differentiate the
DCMS and HiPIMS processes.
Film microstructure was studied by grazing incidence X-ray diffrac-
tion (GIXRD), using a diffractometer equipped with a Cu Kα radiation
source and parallel beam geometry, and transmission electron micros-
copy (TEM), using a FEI Tecnai G2 TF 20 UT microscope operated at
200 kV. Cross-sectional TEM samples were prepared using a Zeiss ES-
1540 Crossbeam FIB using Ga-ions with the so-called lift-out technique
[25]. Film cross-sections and surfaces were studied using a Leo 1550
ﬁeld emission scanning electron microscope (SEM) with an electron
gun potential of 10 kV. Film composition and chemical binding energieswere determined by X-ray photoelectron spectroscopy (XPS), using a
PHI Quantum 2000 spectrometer with monochromatic Al Kα radiation.
XPS sensitivity factors were calibrated by elastic recoil detection analy-
sis of reference samples and themeasurement accuracy for thismethod
is typically a few atomic percent. High resolution C1s, Cr2p and O1s
spectra with a step size of 0.05 eV were obtained using a pass energy
of 11.75 eV. Pre-sputtering was performed to depths of both ~8 and
~15 nm at different ﬁlm spots, using 0.2 keV Ar+ for 75 min and
0.5 keV Ar+ for 20 min, respectively, to remove surface contamination.
The Ar+ ion incidence anglewas 45°. Therewas no signiﬁcant difference
in composition between the two measurements. The average composi-
tion of each ﬁlm is reported with a precision of ±2 at.%. Depth proﬁles
obtained using 4 keV Ar+ resulted in lower carbon contents (4–12 at.%,
95% CI), similar to previous results [17], and were only used to conﬁrm
that there was nomajor deviation in bulk composition. Chemical bond-
ing is reported based on pre-sputtering using 0.2 keV Ar+ to minimize
sputter damages [26]. Hydrogen content was analyzed by nuclear
reaction analysis (NRA) using a beam energy of 6.8 MeV to obtain
bulk information. Film composition will generally be discussed without
the relative contribution of hydrogen. The structure of the carbon phase
was studied by Raman spectroscopy, using a Renishaw Micro Raman
2000 spectrometer with a 514.5 nm Ar laser operated at 25 mW.
Friction properties were studied by unlubricated reciprocating
experiments in a standard indoor environment (22 °C, RH = 42%)
using ball bearing 100Cr6 steel balls with a diameter of 10 mm. The
normal load was 5.0 N, the stroke amplitude was 10 mm, and the fre-
quencywas 2.0 Hz. Mechanical ﬁlm properties were studied by nanoin-
dentation, using a CSM Instruments Ultra Nano Indenter XP. The
indenting part was a diamond Berkovich tip exerting a maximum load
of 1200 μN,which resulted in penetration depths of 60–100nm. Electrical
contact resistance was basically measured in a four-wire setup, using an
Au/Ni probe (Ø=1.2mm), further described elsewhere [9]. The software
was improved to acquire average contact resistance in a steady state,
deﬁned as a relative difference in resistance smaller than3% for aminimum
of three consecutive measurements. Contact force was 1.00 ± 0.01 N. At
least 3 measurements, in different spots, were made for each ﬁlm.
3. Results
3.1. Film composition and deposition rates
A series of chromiumcarbideﬁlmswith total carbon content ranging
from 19 to 69 at.% were deposited. Oxygen content was determined to
be 3 at.%, which is an acceptable level for a high vacuum chamber.
NRA was only performed for one DCMS and one HiPIMS sample, both
with a C/Cr ratio of about 1.3. The hydrogen content in both ﬁlms was
determined to be 1.3 wt.% H, corresponding to an atomic H/C ratio =
0.68 ≈ 2/3. It is likely, however, that the hydrogen content should
vary with carbon content in the ﬁlm and further studies are required
to establish the variation in H/C ratio at different compositions.
The deposition rates for pure Cr (no added C2H2 gas) were
480 nm·min−1 and 125 nm·min−1 for the DCMS and HiPIMS processes,
respectively. The addition of C2H2 gas reduced deposition rates signiﬁcant-
ly. Typically, deposition rates for ﬁlms with a carbon content of 20–40 at.%
C, or more, were 60% lower than those for pure Cr ﬁlms. The reduction in
deposition ratewith addition of C2H2 gas to the discharge can be explained
by the formation of carbon-containing compounds on the target surface,
and these compounds will sputter at a lower rate compared to Cr [27].
The DCMS and HiPIMS processes were carried out at different cur-
rent densities and in the case of HiPIMS with a pulsing frequency. It is
therefore difﬁcult to directly compare the two processes with respect
to their conversion efﬁciency of the C2H2 gas. From the gas ﬂow rates
and target currents, it is possible to calculate the number of C2H2 gas
molecules per electric charge which was required to give a certain
ﬁlm composition. The gas ﬂow rate can be expressed as the number of
gas molecules per second n˙(s−1) according to Eq. (1), whereV˙ is the
Fig. 2. SEM images of Cr–C ﬁlms deposited on SS316L. Letters correspond to ﬁlms depos-
ited by (a) DCMS with 26 at.% C at a substrate bias potential (Ub) of−50 V, (b) HiPIMS
with 19 at.% C at Ub =−50 V, (c) DCMS with 56 at.% C at Ub =−50 V, and (d) DCMS
with 56 at.% C at Ub =−150 V. The insets in (a) and (b) have been digitally enhanced
to emphasize the edges.
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is the molar volume (L mol−1) of an ideal gas at 1 atm of pressure and
273.15 K.
n˙¼V˙ NA
Vm  103
cm3
L
" #
 60 s
min
h i ð1Þ
The magnetron current I (in A) can be expressed as elementary
charges per second following that 1 A = 1 C s−1≈ 6.242 × 1018 e s−1.
The number of C2H2 gas molecules per electric charge is then obtained
from Eq. (2).
numberof C2H2 gasmolecules
electriccharge
¼ n˙
I 6:242 1018 e
−1
h i
ð2Þ
As can be seen in Fig. 1, the HiPIMS process is more efﬁciently using
the feed gas to give ﬁlms with speciﬁc carbon content. This can be ex-
plained by the formation of more carbon radicals [28], which can be
deposited directly from the plasma onto the growing ﬁlm without
ever forming a compound on the sputter target. Gas disassociation,
and therefore formation of carbon radicals, is fostered by the higher
plasma density for HiPIMS [29].
3.2. Film microstructure and chemical bonding
3.2.1. Scanning electron microscopy
Fig. 2 illustrates surface morphologies for Cr–C ﬁlms with different
total carbon contents deposited on SS316L. Panels a and b in Fig. 2
show a nodular surface morphology for ﬁlms with carbon contents of
26 and 19 at.% C, respectively. Nodules were smaller for the HiPIMS
ﬁlm (Fig. 2b), about 15 nm, compared to a typical nodule size of about
30 nm in the DCMS ﬁlm (Fig. 2a). These results were obtained from dig-
itally edge-enhanced images, shown as insets in Fig. 2, and similar
results were obtained for un-altered images. At higher carbon contents
(56 at.%), the surface morphology was more disordered (Fig. 2c). No
clear difference in surface morphology between the DCMS and HiPIMS
ﬁlmswas observed. An increase in Ub to−150 V leads to amore reﬁned
surfacemorphology (Fig. 2d), which can be explained by the higher ion
bombardment energies [30]. Fig. 3 shows cross-section morphologies
for fractured Cr–C ﬁlms with 56 at.% C deposited on Si with a Cr adhe-
sion layer. The DCMS ﬁlm deposited at Ub =−50 V exhibited a typical
columnar microstructure, frequently observed in magnetron sputtered
Me–C ﬁlms (Fig. 3a). The columnar structure decreaseswith an increase0.00 0.05 0.10 0.15 0.20 0.25 0.30 
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Fig. 1. Total carbon content in Cr–C ﬁlms vs. the number of C2H2 gasmolecules per electric
chargeunit (corresponding to sccm/A) forDCMS andHiPIMS. Film compositionwasdeter-
mined by XPS. The dashed lines are guides for the eye.in Ub to−150 V (Fig. 3c). The HiPIMS ﬁlm deposited at Ub =−50 V
exhibits a clearly less columnar structure than the corresponding
DCMS ﬁlm (Fig. 3b), and an increase in Ub to −150 V promoted an
even denser structure (Fig. 3d). The differences inmorphology are likely
related to a denser microstructure, owing to higher average ion energy
for HiPIMS [31]. Similar differences in columnar growth between DCMS
and HiPIMS have been reported by Greczynski et al. [32] for reactively
sputtered Cr–N ﬁlms.
3.2.2. X-ray diffraction
GIXRD diffractograms for Cr–C ﬁlms with different carbon contents
are shown in Fig. 4. As can be seen, all diffractograms show a broad fea-
ture at 2θ ~40–45°. This suggests that theﬁlmsmainly are amorphous in
agreement with many earlier studies [13,14,17,33]. For the DCMS ﬁlm
with 26 at.% C, this feature forms a sharper, more intense peak at 2θ
~44°. In addition, this ﬁlm shows a broad, less intense feature at 2θ
~56°. The two peaks can be attributed to a cubic CrCx phase with NaCl
structure. This phase is not thermodynamically stable, but has been ob-
served in some earlier studies on sputtered Cr–C ﬁlms [21,34]. Themost
carbon-richﬁlmswith 69 at.% C have very low intensities of these peaks,
which correspond to the typical reduction in grain size when increasing
the carbon content [35]. With an increase in Ub to−150 V, the DCMS
ﬁlm with 56 at.% C shows four weak features at 38°, 44°, and 65°, as
well as one at 56°. All of them can be attributed to the (111), (200),
(220), and (211) peaks from cubic (NaCl) CrCx, respectively [36]. Addi-
tionally there is a very weak feature at about 80° which stems from the
cubic (222) and (311) reﬂections. The lattice parameter was deter-
mined to be 4.08 Å, which is in good agreement with the value of
4.13 Å reported by Dai et al. [37] for cubic CrCx ﬁlms deposited by
reactive DCMS. In conclusion, the XRD results show that the ﬁlms
are mainly amorphous, although they also contain some metastable
cubic CrCx.
3.2.3. Transmission electron microscopy
Films with 56 at.% carbon were analyzed by TEM. Fig. 5 shows the
TEM images and inset SAED patterns for one DCMS ﬁlm and one
HiPIMS ﬁlm. The low magniﬁcation images (Fig. 5a and b) reveal a
Fig. 3. SEM cross-sections of fractured Cr–C ﬁlms with 56 at.% C deposited on Si substrates with Cr adhesion layers. Letters correspond to ﬁlms deposited by (a) DCMS at a substrate bias
potential (Ub) of−50 V, (b) HiPIMS at Ub =−50 V, (c) DCMS at Ub =−150 V, and (d) HiPIMS at Ub =−150 V.
329K. Nygren et al. / Surface & Coatings Technology 260 (2014) 326–334microstructurewith elongated features parallel to the substrate normal,
clearly illustrating the growth direction. Both bright and dark areas are
seen, suggesting regions rich in carbon and chromium, respectively,
based on elemental contrast. In Fig. 5c and d, images with higher mag-
niﬁcation show that these regions are about 5 nm in size. No differences
between the twoDCMS andHiPIMS ﬁlmswere found, and this was con-
cluded after numerical evaluations of relative intensities in highmagni-
ﬁcation TEM images corresponding to an area of 7100 nm2 for each ﬁlm.30 40 50 60 70 80 90
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Fig. 4. GIXRD diffractograms obtained at 1° incidence angle for Cr–C ﬁlms with different
total carbon contents deposited by DCMS (top ﬁve) and HiPIMS (bottom ﬁve). Films
were deposited at a substrate bias potential (Ub) of−50 V unless marked differently.Most areas revealed no apparent crystalline order, corresponding to an
amorphous structure. Nonetheless, some aligned lattice planes were
found and in particular in one area for the HiPIMS ﬁlm. This speciﬁc
area is illustrated in Fig. 5d, where one unusually large cubic CrCx
grain, 3 nm in size, has beenmarked bywhite circle. The nanocrystalline
phase content is roughly estimated to be less than 10% by area quantiﬁ-
cation of amorphous and nanocrystalline regions in the TEM images.
The SAED pattern (inset in Fig. 5c) for the DCMS ﬁlm is typical of
amorphous Cr–C ﬁlms [13,14,38], showing diffuse rings with radii
corresponding to the average distance between neighboring atoms
rather than the conventional d-spacing between ordered lattice planes
[34]. Rings are more distinct for the HiPIMS ﬁlm (inset in Fig. 3d) and
this is a sign of short-range order. Four ring radii, 0.23, 0.21, 0.14, and
0.12 nm, have been marked, and they can be attributed to the (111),
(200), (220) and (311) reﬂections from the cubic CrCx phase.
Hence, the TEM analysis conﬁrmed the XRD results (Fig. 4). The
carbide structure is concluded to be mainly amorphous CrCy (a-CrCy)
with some occurrence of metastable nanocrystalline CrCx grains (nc-
CrCx) with NaCl structure, up to 3 nm in size.
3.2.4. X-ray photoelectron spectroscopy
The XPS C1s peak from the ﬁlms showed at least two separate peaks
at about 283 eV and 284.5 eV. One example is shown in the inset in the
bottom right corner of Fig. 6a. The peak at ~283 eV can be directly
assigned to C\Cr bonds while the peak at ~284.5 eV can be attributed
to C\C bonds. Hence, it can be concluded that the ﬁlms are nanocom-
posites of a carbide component mixed with amorphous carbon (a-C:
H). The Cr2p region was similar for all ﬁlms and it is known that the
Cr\Cr and Cr\C contributions appear at practically identical binding
energies [34,38,39].
In many published papers on metal carbide ﬁlms, the C–C peak is
separated into sp2 and sp3 hybridized sub-peaks [17,39–41]. Further-
more, it is known that the interface between a carbide grain and a-C:H
matrix can cause shifts in the C–Mepeaks, giving rise to a C–Me* feature
between the main C–Me and C–C peaks [5,42,43]. Our experimental
data was, however, too limited to physically support a C–Cr* chemical
environment. We have therefore applied three asymmetric Gaussian–
Lorentzian (30% GL) peaks, at 283.0 ± 0.1 (C–Cr), 284.4 ± 0.1 (C sp2),
and 285.3 ± 0.1 (C sp3) eV with acceptable result (i.e. low∑Χ2). Full
widths at half maximum were 1.0 ± 0.1 eV for the carbide peak and
1.4 ± 0.1 eV for the two C–C peaks. It was found that the sp2 ﬁt
accounted for 85–90% of the C–C intensity, and therefore the sum of
Fig. 5. TEM images for two Cr–C ﬁlms with 56 at.% C. The letters correspond to (a) DCMS at low magniﬁcation, (b) HiPIMS at low magniﬁcation, (c) DCMS at high magniﬁcation, and
(d) HiPIMS at high magniﬁcation. SAED patterns are shown as insets in (c) and (d).
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the curve ﬁts it is then straight-forward to calculate the relative amount
of carbide phase (originating from both the a-CrCy phase and the cubic
nc-CrCx phase), as well as a-C:H phase (sp2 + sp3), as a function of the
total carbon content in the ﬁlms. This is shown in Fig. 6a. As can be seen,
the a-C:H phase content increases linearly from below 10%, which can
be considered practically nothing, for ﬁlms with a carbon content of
~20–25 at.% C, up to 84% for ﬁlms with ~70 at.% C. Both the DCMS and
the HiPIMS process resulted in an identical relationship. In Fig. 6a, we
have also added some data from literature. Differences related to the
3d and 4d transition metals will be discussed below.
From Fig. 6a, the stoichiometry of the carbide component can be cal-
culated by dividing the total carbidic carbon content with the total Cr
content (assuming that all Cr forms carbide). The average Ccarbidic/Cr
ratio as a function of carbon content is shown in Fig. 6b. A peak
maximum, where the ratio is 0.56, can be observed at a carbon content20 40 60 80 100
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Raman spectroscopy was used to qualitatively study the sp2-rich
carbon phase. Two representative spectra are shown in Fig. 7, and spec-
tra for other ﬁlms, including ones deposited at Ub=−150 V, were sim-
ilar. Overall, the shape of the spectra corresponds to hydrogenated
graphite-like carbon (GLCH) ﬁlms with ~16–35 at.% H as reported by
Casiraghi et al. [44]. The rather broad G peaks also indicate mainly
small aromatic clusters less than 10 Å in size [45]. This result is in agree-
ment with C\C bonds, detected by XPS, and in agreement with the
incorporation of hydrogen, detected by NRA. The consequence of a
GLCH phase on ﬁlm properties should include a polymeric-like
character, featuring e.g. low hardness and low elastic modulus.20 30 40 50 60 70
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3.3.1. Mechanical properties
Panels a and b in Fig. 8 show nanoindentation hardness and elastic
modulus, respectively, as a function of the a-C:H phase content.
Hardness is in the range 5.5–13 GPa and elastic modulus is in the
range 66–230GPa. Both parameters generally decreasewith an increase
in the a-C:H phase content for ﬁlms deposited at Ub = −50 V. The
DCMS and HiPIMS processes produced ﬁlms with similar hardness
values. However, the elastic modulus is clearly lower for the HiPIMS
ﬁlms (except at 60% a-C:H phase). Moreover, there is a rapid drop in
elastic modulus when going from less than 10% a-C:H phase up to
30%. In the case of HiPIMS, the elastic modulus drops from 200 to
125 GPa. At about 80% a-C:H phase the HiPIMS ﬁlm has an elastic
modulus of only 65.8 ± 2.8 GPa. The ﬁlm deposited by HiPIMS at
Ub=−150 V deviates from the stated trends. It has 47% higher hard-
ness (12.5 GPa) and 24% higher elastic modulus (171 GPa) compared
to the ﬁlm deposited at Ub =−50 V.
The hardness/elastic modulus (H/E) ratio is a parameter which cor-
responds to the elastic strain to failure and can be used to predict wear
resistance [46]. This ratio is shown in Fig. 8c. It is clear that the ratios
were higher for the most carbon-rich ﬁlms (H/E ≈ 0.085) compared
to the most chromium-rich ﬁlms (H/E≈ 0.058). The local maxima at
30% a-C:Hphase in theH/E plots, corresponding to the drop in elasticity,
have questionable signiﬁcance and demonstrate the need for error
analysis in these types of assessments.
In Fig. 8 we have also added data for non-reactively sputtered a-
CrCy/a-C ﬁlms adapted from the works of Andersson et al. [13]. These
results will be discussed below.
3.3.2. Tribological properties
Fig. 9a shows the evolution of friction coefﬁcients (μ) as a function of
the number of sliding cycles. Friction stabilizes to μ≈ 0.15 after 500 cy-
cles for the ﬁlmswith ~80% a-C:H phase, while the ﬁlms with ~30% a-C:
H phase have a higher μ of about 0.35. Friction coefﬁcients depended
almost linearly on the a-C:H phase content and this relationship is illus-
trated in Fig. 9b. The lowest average μ is 0.13 (average of 500 cycles).
The difference in friction (μ= 0.4 b 0.6) between the two DCMS and
HiPIMS ﬁlms that were essentially without a-C:H phase may be due to
their different columnarmicrostructures. Two SEM images, with a com-
bination of elemental and topological contrast to clearly illustrate the wear
tracks, are shown as insets. The ﬁlmwith about 80% a-C:H phase hasmuch
less Cr-basedwear debris (bright areas) than theﬁlmwithout a-C:H phase.
This result is a good sign of solid state lubrication by a carbon-rich,presumably graphitic, surface layer in the wear track on the former ﬁlm,
supported by its smooth appearance. Wear track widths were correlated
to the a-C:H phase content, analogous to the friction coefﬁcients.
3.3.3. Electrical contact properties
Electrical contact resistance as a function of the a-C:H phase content
for ﬁlms deposited on SS316L is shown in Fig. 10. Addition of a-C:H
phase to single phase CrCx reduced the contact resistance by two
orders of magnitude. There is a clear minimum in the contact resis-
tance for ﬁlms with 30–60% a-C:H phase and the lowest contact re-
sistance is 69 ± 15 mΩ. Additional a-C:H phase, about 80% in total,
increased the contact resistance by one order of magnitude. Contact
resistances for SS316L coated with 1 μm Ag and for uncoated SS316L
were measured to be 13 ± 2 mΩ and 1.5 ± 1 Ω, respectively. The
large error for the latter can be attributed to, presumably thick, na-
tive surface oxides.
4. Discussion
4.1. Microstructure
The results above show that the ﬁlms consist of two types of phases:
One hydrogenated amorphous carbon phase (a-C:H) and one Cr-rich
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Fig. 9. (a) Friction coefﬁcients for Cr–C/a-C:H ﬁlms vs. the number of sliding cycles in a re-
ciprocating sliding ball on ﬂat surface experiment. Ball bearing 100Cr6 steel ball, Ø =
10mm, 5 N normal load, no lubrication. The ﬁlm substrate was SS316L. (b) Mean friction
coefﬁcient recorded from 1500 to 2000 cycles plotted vs. a-C:H phase content. Insets are
SEM images of wear tracks after 2000 cycles.
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completely amorphous (a-CrCx), while nanocrystalline grains of meta-
stable cubic CrCx (nc-CrCx) are observed at other compositions. The
relative amount of a-C:H phase increased linearly with an increase in
total carbon content, which is a very typical trend for sputtered Me–C/
a-C ﬁlms. In Fig. 6a, we have added literature data from Lewin et al.
[5], Meng et al. [47], and Nedfors et al. [11] on similar studies in the
Ti–C, Zr–C and Nb–C systems, respectively. It is obvious that the trends
for the 3d metals (Ti and Cr) are overlapping although the ﬁlms were
obtained at different deposition rates using different processes. In con-
trast, the two 4d transition metals form overlapping trends where a
higher total carbon content in the ﬁlm is required to obtain a given
amount of a-C phase. The amount of a-C phase is typically related to
the mean separation distance of carbide grains, where the separation
distance also corresponds to a given number of atomic carbon layers.
However, in order to perform this calculation [48] one needs to know
the mean grain size, which is exceedingly difﬁcult to obtain for mostly
amorphous a-CrCy. Mean grain separation distances for the more crys-
talline Nb–C/a-C and Ti–C/a-C ﬁlm systems are about 0.5 and 2.5 nm, re-
spectively [5,11]. Since Cr appears to group with Ti in Fig. 6a, a rather
thick carbon matrix thickness would be expected, with e.g. low hard-
ness as consequence. This is in good agreement with the low hardness
values in Fig. 8a.
The carbide phase was mainly amorphous, although there was clear
XRD and TEM evidence of a metastable cubic nc-CrCx phase as well.Starting with the amorphous phase, this lack of order is very unusual
for reactive sputtering as statistically suggested by Andersson et al.
[13]. The latter authors noted that non-reactive sputtering tends to
form more amorphous Cr–C ﬁlms than reactive sputtering, where
nanocrystalline structures are typically obtained. The very low structur-
al order in our ﬁlms can be explained by the high industrial deposition
rates, which were two orders of magnitude higher compared with pre-
viously published studies on non-reactive [13,15,17,19,49] as well as
reactive DCMS [34,50] of Cr–C ﬁlms. Panjan et al. [50] as well as Gassner
et al. [34] sputtered Cr–C ﬁlms reactively at deposition rates of 13–
25 nm·min−1, roughly ten times lower than in the present study, and
obtained carbide grains up to 10nm in size (at 150 °C). The Cr–C system
has not previously been studied using HiPIMS but it should be noted
that the obtained deposition rates (50–125 nm·min−1) were higher
than the rates stated in the literature for DCMS (generally 5–
50 nm·min−1). Our high deposition rates likely quenched nucleation,
but the question is then why the cubic nc-CrCx phase formed as well.
A stable Cr–C phase with NaCl structure cannot be expected from
Hägg's empirical rule due to a ratio between the carbon and metal
atom radii exceeding 0.59 [12]. Furthermore, the NaCl structure is
known to become less stable going from group 4 transition metals
to metals with more d-electrons [12]. This is due to ﬁlling of anti-
bonding states, leading to a destabilization of the NaCl structure rel-
ative to other structures. Consequently, the stable Cr–C phases, such
as Cr23C6, form other more complicated crystal structures with large
unit cells, which require substantial surface diffusion to form during
thin ﬁlm growth. A sputtering process with a high quenching rate of
adsorbed species, carried out at low substrate temperatures, gives
very limited surface diffusion making it difﬁcult to obtain such com-
plex structures. This favors the formation of simple structures like
the cubic (NaCl) nc-CrCx observed in our study. This phase is meta-
stable due to the mentioned ﬁlling of antibonding states, but the sta-
bility is increased by the formation of carbon vacancies. In our ﬁlms,
we have two chromium carbide phases; the amorphous chromium
carbide, a-CrCy, and the metastable cubic nc-CrCx. We cannot accu-
rately determine the relative amount of the two carbide phases,
and therefore we cannot calculate the exact stoichiometry of the
nc-CrCx phase. However, we know that the overall Ccarbidic/Cr ratio
is 0.56 in a ﬁlm with a total C/Cr ratio of 1 (Fig. 6b). From two previ-
ous studies [13,17] it can be concluded that y in a-CrCy should be in
the range 0.3–0.54, while Bewilogua et al. [51] obtained cubic CrCx
and expected x to be in the range 0.5 b x b 0.75. Since the literature
suggests 0.3 b y b 0.54 for a-CrCy and 0.5 b x b 0.75 for nc-CrCx, our
333K. Nygren et al. / Surface & Coatings Technology 260 (2014) 326–334average value of CrC0.56 is a reasonable trade-off from a mixture of
the two phases with carbon vacancies in the nc-CrCx phase.
The use of DCMS or HiPIMS did not affect the phase contents of chro-
mium carbide and amorphous carbon at any given composition. This
result is different compared to the Ti–C system, where Samuelsson
et al. [43] observed ﬁlms with more Ti\C bonds and fewer C\C
bonds for HiPIMS than DCMS. However, there is a major difference in
glass forming ability between the Cr–C and Ti–C systems, and any sim-
ilar promotion of carbide phase due to HiPIMS may be more limited
when growing Cr–C ﬁlms. In fact, the only major difference between
the DCMS and HiPIMS ﬁlms is in their morphologies (Figs. 2 and 3),
where ﬁlm growth by the HiPIMS process is clearly denser. Further
tuning of the process conditions, in particular the current density and
the substrate bias potential, may extend these differences.
4.2. Properties of the ﬁlms
Hardness and elastic modulus were generally low for being carbide-
based nanocompositeﬁlms. In Fig. 8a, hardness can be compared to that
of similar a-CrCy/a-C ﬁlms (i.e. hydrogen free) reported by Andersson
et al. [13]. Overall the hardness values are quite similar, although it
may be interpreted that our ﬁlms are a few GPa harder at less than
40% a-C:Hphase, and a fewGPa softer at about 80% a-C:Hphase. Consid-
ering that all these ﬁlms are mainly amorphous, their similarly low
hardness is not that surprising. However, the HiPIMS ﬁlm deposited at
Ub=−150 V hadmuch higher hardness (aswell as higher elasticmod-
ulus as seen in Fig. 8b). There is no difference in the carbide phase
content (Fig. 6a) or in the XRD diffractograms (Fig. 4) to account for
this increase. The TEM analysis (Fig. 5), however, indicates that the
HiPIMS ﬁlm may have more nc-CrCx phase, which would explain the
increase in hardness. The SEM micrographs (Figs. 2 and 3) suggest
ﬁlm densiﬁcation and a more reﬁned surface structure as probable
cause, while another possibility may be higher compressive stresses. A
comparison of the elastic moduli (Fig. 8b) for our ﬁlms to the non-
reactively sputtered ﬁlms [13] shows that our ﬁlms have lower elastic
modulus at any given a-C:H phase content. Since the trends in Fig. 8b
appear to converge for 0% a-C(:H) phase, the lower elastic modulus
can be attributed to the GLCH-type carbon in our ﬁlms. The low elastic
moduli are in agreement with the predictions made from the Raman
results in Section 3.2.5 (Fig. 7).
It is well known that crystalline ﬁlms have both higher hardness and
higher elastic modulus than amorphous ﬁlms due to their different
deformation behaviors. Hardness and elastic modulus can then be com-
pared to otherMe–C systemswhere a nanocrystalline nc-MeCx phase is
normally obtained. For example, hardness values for nc-TiCx/a-C and
nc-NbCx/a-C ﬁlms are about 15 and 25 GPa, respectively, at a carbon
content of about 50 at.% C [11]. Both values are considerably higher
than the 9 GPa found for our ﬁlms at a similar carbon content
(Fig. 8a). Meanwhile, the elastic modulus for the above Ti and Nb-
based ﬁlms is about 290 GPa [11], which is roughly twice as high com-
pared to our ﬁlms. It is thus clear that the amorphous carbide as well
as the hydrogenated amorphous carbon phase correspond to both the
low hardness and the low elastic modulus.
Although the hardnesswas relatively low, it is probably sufﬁcient for
the intended electrical contact applications. In fact, a sufﬁcient hardness
and a low elastic modulus are a promising combination because the
hardness over elastic modulus (H/E) ratio is an indicator for good
wear properties [52,53]. With a high H/E ratio, the ﬁlm surface can
respond to an external force by elastic recovery rather than plastic de-
formation and thus reduce wear [54]. As was shown in Fig. 8c, the H/E
ratio increases with an increase in carbon content and this is a typical
trend for Me–C ﬁlms [11,47,55]. The smooth wear track in Fig. 9b (top
inset) corresponds to a high carbon content and a high H/E ratio. Con-
versely, the wear track with a lot of wear debris in Fig. 9b (bottom
inset) corresponds to a low carbon content and a low H/E ratio. In
Fig. 8c it also becomes apparent that the reactively sputtered ﬁlmshave higher H/E ratios than the non-reactively sputteredﬁlms. A similar
effect can be expected for other Me–C systems as well, suggesting that
reactive sputtering will yield ﬁlms that are more suitable for wear
applications.
Although the highest H/E ratios were found for themost carbon-rich
ﬁlms, an electric contact application would probably require more
metal in theﬁlms for adequate electrical properties. It is then interesting
to study how some different Me–C ﬁlms would rank by their H/E ratios
at more moderate carbon contents. If Me–C ﬁlms with a carbon content
of about 40–45 at.% C are considered, the order for Ti, Cr, Zr, and Nb is
(from low to high H/E): Ti–C (0.042) b Zr–C (0.063) b Nb–C (0.069)
b Cr–C (0.075) [11,47]. This ranking suggests that the Cr–C system can
give ﬁlms with good wear properties. However, further studies are
required to reveal if there is any systematic trend between the different
Me–C systems, or if it is just a matter of different deposition conditions
(substrate, ﬁlm thickness, etc.).
The friction coefﬁcient in our ﬁlms is strongly dependent on the
amount of a-C phase as shown in Fig. 9b. This trend is typical for Me–
C/a-C ﬁlms and has been observed in many studies for a large range of
metals such as Ti, Zr, Nb, Ta, andW [4,47,55,56]. The reduction in friction
is well known and due to the presence of a lubricating graphite-like
triboﬁlm, whose formation is more favorable with a larger content of
a-C phase in the ﬁlms [56]. In particular, Gassner et al. [20] demonstrat-
ed surface graphitization during sliding for nc-CrCx/a-C:H ﬁlms. Our
friction results are similar to the literature, although it is difﬁcult to
compare results from different studies due to different experimental
deposition and sliding conditions.
A sliding electrical contact application, however, requires not only a
low friction coefﬁcient, but also a low contact resistance. As can be seen
in Fig. 10, the lowest contact resistance, not that much higher than the
Ag reference, is obtained when 30 and 60% of the carbon exists as a-C:
H phase. The explanation for the minimum was not resolved, but may
include thin surface oxides at moderate a-C:H phase content [17],
whereas excessive a-C:H phase may impair conductivity [13]. An alter-
native possibility suggested by Lewin et al. [5] is that the minimum in
contact resistance is attributed to an optimal thickness of the a-C
phase separating the carbide grains. As we were unable to estimate
the carbide grain sizes, further investigations are required to explain
the minimum. Either way, the ﬁlms with the lowest contact resistance
had somewhat higher friction coefﬁcients (0.2–0.3, Fig. 9b) than the
most carbon-rich ﬁlms. These two results jointly indicate a trade-off
situation between low contact resistance and low friction. Nonetheless,
this range in a-C:H phase will likely yield nanocomposite ﬁlms with a
high corrosion resistance [17]. Low friction, good wear properties, low
contact resistance, and high corrosion resistance are things that make
the present Cr–C/a-C:H ﬁlms very interesting candidates for sliding
electrical contacts.5. Conclusions
Nanocomposite chromium carbide/hydrogenated amorphous car-
bon (Cr–C/a-C:H) ﬁlms were deposited by high rate reactive DCMS
and HiPIMS at a substrate temperature of 126 ± 26 °C. Phase contents
were linked to the total carbon content, which was controlled by the
C2H2 ﬂow rate. The carbide phase was mainly amorphous a-CrCy with
minor incorporation of metastable cubic nc-CrCx up to 3 nm in grain
size. The a-C:H phase was similar to sp2-rich hydrogenated graphite-
like amorphous carbon (GLCH) ﬁlms. Overall, the DCMS and HiPIMS
processes yielded ﬁlms with similar phase contents and microstruc-
tures, as well as similar functional properties. Nanoindentation hard-
ness and elastic modulus were in the ranges 5.5–13 GPa and 66–
230 GPa, respectively. Unlubricated friction coefﬁcients down to 0.13
were obtained for ﬁlmswith 69 at.% carbon. Electrical contact resistance
vs. an Au/Ni probe was found to dramatically depend on the a-C:H
phase content, where 30–60% a-C:H phase yielded the lowest contact
334 K. Nygren et al. / Surface & Coatings Technology 260 (2014) 326–334resistance. The present nanocomposite Cr–C ﬁlms are potential candi-
dates for use in sliding electrical contact applications.
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